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The review covers the understanding of the nanostructure development in glassy and semicrystalline
polymers as revealed by indentation hardness methods. The microhardness of polymer glasses is dis-
cussed emphasizing the inﬂuence of thermal history and physical ageing. The correlation between
hardness and glass transition temperature is brought in. Furthermore, the role played by the lamellar
morphology in the case of amorphous blends of a block copolymer and a glassy homopolymer is
highlighted. A discussion on the inﬂuence of ﬁller structure on the microhardness of polymer glasses is
introduced. Indentation hardness is presented as a valuable tool to study the kinetics of crystallization
from the glassy state. As an example, distinct results on polymer systems under different conﬁnement
conditions are shown. The nanostructure–microindentation hardness correlation in the case of semi-
crystalline polymers and the inﬂuence of degree of crystallinity and crystal thickness for various ﬂexible
and semirigid polymer systems are recalled. A comprehensive discussion of the creep properties of
polymer materials is offered. Concerning deformation mechanisms, experimental results show that for
polymers with low degree of crystallinity and Tg below room temperature, a large deviation from the
microhardness additivity law is always found. This is due to a different deformation mechanism with
respect to that envisaged for polymer materials with Tg above room temperature. The assumption that
microhardness approaches zero for amorphous materials above Tg is experimentally conﬁrmed. In the
case of an oriented material, it is shown that indentation hardness is capable to detect the gradual
appearance of phases of intermediate order. In addition, the study of the creep properties also yields
valuable information on the internal degree of order of the oriented system. Finally, an overview of the
future perspectives of the application of depth-sensing indentation to the study of polymer materials is
offered.
 2008 Elsevier Ltd. Open access under CC BY-NC-ND license. 1. Introduction
The mechanical behaviour of polymers has been the subject of
considerable research in the past [1]. Mechanical properties are of
relevance for all the applications of polymers in industry, optics,
electronics, photonics, medicine and others [2,3]. Furthermore, the
nanostructural and microstructural design of targeted mechanical
functional polymer properties is a continuous goal of Materials
Science and Engineering [4]. The improvement of the mechanical
properties demands a better understanding of the interdependence
betweenmolecular structure, morphology and processing methods
on the one hand and ultimate mechanical properties on the other,
i.e., structure–property correlations [5]. Indentation testing is one
of the simplest ways to measure the micromechanical properties of
a material, offering the possibility of probing the specimen in its
original assembly [6]. One of the advantages of this technique, in
comparison to other procedures for mechanical characterization, isþ34 91 5642431.
lta´-Calleja).
-NC-ND license. the capability of mapping the surface mechanical properties at
a local scale, which is of fundamental importance for inhomoge-
neous materials. The main applications of indentation hardness to
polymer systems have been discussed in detail in preceding
reviews [7,8].
Indentation testing is based on the local deformation produced
by an indenter upon application of a given load. Conventional
microindentation methods are based on the optical measurement
of the residual impression produced by the indenter penetrating
the material surface. Microhardness, H, is obtained as the ratio of
the peak contact load P to the area A of impression (H¼ kP/A).
Diamond pyramidal indenters with square (Vickers), rhombus
(Knoop) or equilateral triangle (Berkovich) bases are commonly
used. For the majority of polymeric materials, the application of
loads in the range of 0.05–2 N using a pyramidal indenter gives rise
to indentation depths in the micron range. In other words, the
surface of the polymer sample is probed ‘‘quasi’’ non-destructively.
During an indentation cycle, plastic deformations are expected
to gain importance in the vicinity of the indenter probe (large
applied stresses), while elastic behaviour should prevail at low
applied stresses, i.e., at locations sufﬁciently distant from the
200 300 400 500 600
0
100
200
300
400
500
H
 
 
[
M
P
a
]
T
g
 [K]
PET
PBT
random copolym PET/PC
PA6
PS
PEN
PMMA
random copolym PET/PCHT
Gelatin
blends PMMA/PVDF
block copolym PBT/PC
Fig. 1. Linear correlation between microhardness and Tg for a number of glassy
polymers with dominating single bonds in the main chain. Reprinted from Balta´-
Calleja FJ, Flores A, Ania F. In: Michler GH, Balta´-Calleja FJ, editors. Mechanical
properties of polymers based on nanostructure and morphology, chapter 8, p. 285.
Copyright (2005), Taylor and Francis.
A. Flores et al. / Polymer 50 (2009) 729–746730hardness impression. The precise stress ﬁeld for polymers cannot
be easily determined because, so far, there is no comprehensive
visco-elasto-plastic theory to account for their micromechanical
properties. However, valuable attempts have been made in the past
to explain themechanical behaviour of materials that do not exhibit
fully plastic behaviour [9,10]. Marsh modelled the elasto-plastic
indentation through the expansion of a spherical cavity by an
internal pressure [9]. Radial strain contours of hemispherical
symmetry around the hardness impression arise from this
approach, including the one corresponding to the elastic–plastic
boundary. Other different models of elasto-plastic indentation have
been proposed to derive the indentation stress ﬁeld [11–16].
Moreover, numerical–experimental approaches, based on ﬁnite
element calculations, have been used to calculate the stress
distribution under the indenter for speciﬁc polymer materials
[17–19].
Microhardness can be related to other macroscopic mechanical
properties such as yield stress, s, and elastic modulus, E, both
derived from compression testing. For work-hardened metals,
Tabor derived a direct proportionality between hardness and
compressive yield stress: Hz 3s [20]. However, it was soon real-
ized that Tabor’s relationship only applies to materials that exhibit
full plasticity [9,10]. Deviations from this relationship have been
reported for a number of metals, glasses and polymers where the
elastic strains are non-negligible [9]. Hence, the different expres-
sions describing the correlation of hardness with conventional
macroscopic mechanical properties rely on the validity of the
above-mentioned elasto-plastic models. In this way, hardness and
yield stress no longer hold direct proportionality but their rela-
tionship depends on the speciﬁc material properties, such as
Poisson’s ratio and elastic modulus [9,11–13]. It has been shown
that these elasto-plastic models not only satisfactorily explain an
H/s ratio ofz2 for a number of polyethylene materials of different
nature, but also theoretically account for the range of H/E ratios
experimentally determined [21].
In the last years, conventional hardness testers, based on the
optical measurement of the residual impression, have progressively
been substituted by indentation depth-sensing methods. Hardness
data derived from the imaging method are mainly related to irre-
versible plastic processes, i.e., information about the elastic release
of the indentation depth is mostly lost. In contrast, continuous
depth-sensing indentation monitors the indentation depth as
a function of applied load, as the indenter is driven into and
withdrawn from the sample surface. Hence, in the latter case, not
only plastic but also elastic properties can be derived. Due to the
fact that the experimental devices make use of small loads in the
mN to nN range, leading to indentation depths within the submi-
cron or even the nanoscale, they are commonly known as nano-
indenters. Doerner and Nix [22] proposed the ﬁrst method to
obtain hardness and Young’s modulus from nanoindentation data.
The method was further developed by Oliver and coworkers [23–
25] and it will be shown below that the discussion on the appli-
cability of such method to viscoelastic or visco-elasto-plastic
polymers is of the outmost importance.
In recent years, micro- and nanoindentation have been estab-
lished as a means of detecting a wide variety of morphological and
nanostructural changes in amorphous and semicrystalline polymers
[26–47], including blends [28], copolymers [32,48], polymer
composites [31] and multilayer systems [27]. Dental materials [34],
bones [35] and bone analogue biomaterials [36,37], cell nuclei [38],
hydrogels [39], polymer compositeswith carbon nanotubes [40–43]
orwith organoclays [44,45] and interpenetrating polymer networks
[46,47] are some examples of advanced materials that have been
extensively studied by means of indentation methods. Micro-
indentation has also been proved to be well suited to follow modi-
ﬁcations of polymer surfaces produced by ageing or weathering[49,50], ion implantation [51,52] or various kinds of irradiation such
as proton- [53], gamma- [54] or beta-irradiation [55].
This article attempts to summarize some of the most relevant
contributions concerning the nanostructure development in poly-
mers, from the glassy state to more ordered structures, by means of
indentation hardness. Most of these studies have been carried out
using optical microindentationmethods. In addition, the last part of
the review offers an overview on recent advances in depth-sensing
nanoindentation applied to polymer materials.
2. The glassy state
It is well known that microindentation hardness provides direct
evidence of changes in the properties of polymer glasses
[8,53,54,56–58]. In the glassy state, the critical stress required to
plastically deform the amorphous polymer involves displacements
of bundles of chain segments against the local restraints of cohesive
secondary bond forces and internal rotations [8]. The intrinsic
stiffness of these glassy polymers below the glass transition
temperature, Tg, leads to microhardness values which may even be
2–3 times larger than those obtained for typical ﬂexible semi-
crystalline polymers [59]. On the other hand, according to Gedde
[60], Tg generally increases with increasing cohesive energy
following a dependence of the type:
Tg ¼ 2d2=mRþ C1 (1)
where d2 is the cohesive energy density, m is a parameter
describing the internal mobility of a single chain, R is the gas
constant and C1 is a constant. Several publications have dealt with
the existing correlation between the microhardness and Tg for
a number of amorphous glassy polymers [61–63]. One obtains
a fairly good relationship between H values measured at room
temperature (Troom) and Tg, in the interval between 300 K and
500 K (see Fig. 1), which can be expressed as [61]:
H ¼ kTg þ C (2)
A. Flores et al. / Polymer 50 (2009) 729–746 731where C¼571 MPa and k¼ 1.97 MPa/K are experimental ﬁtting
parameters. Data of a number of commercial polymers, including
polyoleﬁns, polyesters and polyamides, were used in the derivation
of Eq. (2). Deviations from the linear relationship found between H
and Tg are observed when aromatic rings, or other types of rings,
are present in the main chain. Otherwise, for glassy polymers with
dominating single bonds in the main chain, Eq. (2) allows to
calculate the room temperature hardness values provided the Tg
values are known.2.1. Local order: thermal history and physical ageing
Variations in the average chain packing density in glassy poly-
mers can be readily detected by indentation hardness offering
a large advantage over other techniques such as X-ray diffraction.
Changes in chain packing density (averaged over a typical volume
of 102–105 mm3) arise from variations at molecular scale such as
conformational rotations, appearance of local order, chain orien-
tation effects, physical ageing, etc. For instance, the internal order
in the amorphous state of thin ﬁlms of polyethylene terephthalate
(PET) prepared at different cooling rates from the melt has been
studied using the microhardness technique [64,65]. The inﬂuence
of the cooling rate and physical ageing on H of the glassy samples
has been independently discussed [64]. Fig. 2 shows the semi-
logarithmic plot of H as a function of storage time at Troom for PET
quenched from themelt at four different cooling rates following the
procedure of Piccarolo and coworkers [66,67]: 7500, 700, 178, and
17 C/s. One observes ﬁrst a rapid increase of Hwith time for all the
samples during the ﬁrst month of storage; thereafter, hardness
increases at a lower rate. The hardness enhancement observedwith
storage time is associated with a physical ageing process. Most
interesting is the fact that the initial H values depend on the cooling
rate used for the preparation of the samples. This ﬁnding favours
the concept of a different state of internal order for the freshly
quenched amorphous samples studied. It is noteworthy that the
hardness difference between samples cooled at different rates is
retained at long storage times (after more than 1–2 years). Physical
ageing involves relaxation towards thermodynamic equilibrium.
Themolecular mechanisms associated to ageing are still a matter of
debate [68]. The results shown in Fig. 2 suggest that differences in
the initial structure of the various glassy materials are still apparent
after substantial physical ageing. Such differences may arise from
local domains with different degrees of internal order, present in
the starting un-aged material. These regions could exhibit incipientt [days]
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Fig. 2. Variation of hardness with the logarithm of storage time for amorphous PET
samples prepared at different cooling rates (in C/s) from the molten state [28].molecular ordering, precursors of ﬁnal crystalline states [65]. Fig. 3
highlights the different hardness values, and concurrent density
data, found for PET samples cooled from the melt at different rates
in the range 4.7–7500 C/s and subsequently stored at Troom for 40
days [65]. None of these samples exhibit X-ray crystalline peaks. It
is noteworthy the increase of hardness with decreasing cooling rate
for amorphous PET (increasing r values from 1.339 g/cm3 up to
1.344 g/cm3). In addition to the above-mentioned data, the ﬁgure
includes PET samples which were capable to crystallize from the
melt (r> 1.35 g/cm3) using much lower cooling rates (dT/
dt 2.3 C/s). One can clearly distinguish between two regions of
behaviour: a fast linear increase of H vs. r for the amorphous glassy
samples and a second slower linear increase of H vs. r for the
semicrystalline materials. It is remarkable the steep variation of H
(from z130 MPa up to 155 MPa) for the series of glassy materials
showing a density change of less than 4&.2.2. Block copolymers and polymer composites
Block copolymers and polymer composites represent possible
candidates to reach balanced mechanical properties in a polymer
material. Microindentation hardness can be used to study such
properties, for instance, as a function of block or ﬁller content. In
this section, some recent results of the application of the micro-
hardness technique to the study of blends of a copolymer (glassy
and rubbery blocks) and a glassy homopolymer are summarized
[28]. In addition, the inﬂuence of ﬁller structure on the micro-
hardness of a glassy polymer matrix is highlighted [69].
2.2.1. Inﬂuence of styrene content in blends of polystyrene (PS) with
a styrene–butadiene–styrene copolymer
The styrene-block-butadiene-block-styrene (SBS) triblock
copolymers were synthesized with the aim of combining the
rubbery character of the butadiene blocks with the thermoplastic
nature of the styrene ones [70]. The SBS copolymers exhibit two
separate Tg values and a microphase-separated morphology whose
dimensions lie in the range of the radius of gyration of the mole-
cules [71]. Depending on the molecular architecture of the SBS
copolymers, cylindrical or lamellar morphologies can be found [72].
It has been shown that the microhardness of the SBS materials is
determined primarily by the different morphology of the separated
microphases [72]. Because of their high production costs, the block[g/cm
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Fig. 3. Variation of hardness for aged PET samples (r< 1.35 g/cm3) as a function of
density. None of these samples exhibit X-ray crystallinity. Data for crystallized samples
of PET (r> 1.35 g/cm3), cooled from the melt at much lower rates (dT/dt 2.3 C/s), are
also included. Replotted from Ref. [65].
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in combination with polystyrene homopolymer [70]. The archi-
tectural modiﬁcation of the SBS block copolymers may open new
ways of controlling mechanical performance of their blends with
polystyrene (PS). Thus, it is of great interest to gain a deeper insight
into the structure–property correlations in this type of materials.
Fig. 4 illustrates the variation of the microhardness of injection-
moulded bars of blends of PS with SBS, as a function of total PS
content (including the styrene content within the copolymer,
which is of 74%). The SBS used for the blends is a star block
copolymer, with SBS arm structure and PS core. The star block
copolymer shows a peculiar lamellar morphology with alternating
layers of PS and polybutadiene (PB). By adding the homopolymer PS
to the star block copolymer, the thickness of the PS lamellae is
continuously increased while the thickness of the butadiene layers
remains almost unchanged. The thickness of the PS lamellae varies
from 19 nm in the case of SBS copolymer (74% total PS) up to 43 nm
when 80% of the homopolymer is added (95% total PS). Fig. 4
(insets) illustrates, as an example, the TEM micrographs of the
injection-moulded bars of the two blends. It is seen that not only
the PS lamellar thickness (white areas), but also the width of the
thickness distribution, increases with increasing PS content.
Fig. 4 shows that addition of the PS homopolymer to the SBS
copolymer results in an increase of the total hard phase and hence,
an increase in the H values. Preceding studies suggest that the
microhardness of amorphous copolymer systems and blends
behaves as an additive property of the hardness of the individual
constituents [63,73–75]. However, SBS/PS blends exhibit very
signiﬁcant deviations from the additivity law (dashed line in Fig. 4),
especially at low PS content. We assume that Hz 0 for
polybutadiene, since Tg Troom, an approximation that ﬁnds
experimental support in the microhardness measurement of
ethylene–octene copolymers with zero degree of crystallinity [32].
This ﬁgure also shows that the total PS content in thesemicrophase-
separated structures has no linear correlation with the H data and
suggests that the lamellar morphology plays a fundamental role in
the mechanism of deformation. It has been suggested that the local
yield stress for thin lamellae follows a mechanism of deformation,
‘thin layer yielding’, that would result in a highly ductile behaviour
compared to the bulk polymer [76]. This would explain the large0 20 40 60 80 100
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Fig. 4. Hardness of the star block copolymer/PS blends as a function of total PS
content. The dashed line represents the hardness additivity law. The insets show TEM
images for the two samples with different PS content indicated by arrows. Replotted
from Ref. [28].deviation of the microhardness of these materials from the addi-
tivity law.
The analogy between the lamellar structures in the blends of
SBS and PS with the lamellar crystals in semicrystalline polymers
has encouraged the ﬁtting of the data for the amorphous blends to
the following equation:
H ¼ H
PS
1þ ðK þ DPSÞ
(3)
where HPS is the hardness of the PS matrix (lamellae with inﬁnite
thickness), DPS is the average thickness of the PS lamellae and K is
a constant. This constant plays the same role as the parameter b in
Eq. (9) (see below) and could be related to the energy of plastic
deformation of the PS lamellae. Thus, Eq. (3) is similar to the well
experimentally contrasted expression that accounts for the varia-
tion of hardness values with crystal thickness for semicrystalline
polymers (see Eq. (9), Section 4.2). The representation of 1/H vs.
1/DPS yields a good agreement of the data to a straight line (results
not shown), in agreement with the correlation proposed in Eq. (3),
suggesting that the lamellar amorphous block copolymer systems
may be regarded, indeed, as an analogue to the semicrystalline
systems. Therefore, the enhancement of H values with added PS in
the blend (see Fig. 4) could be partly due to an increasing thickness
of the PS layers (organized in ‘crystalline-like’ manner).
2.2.2. Reinforced carbon black composites: inﬂuence of ﬁller
structure
Earlier research using the indentation test to investigate the
micromechanical properties of carbon black–polymer composites
was mainly concerned with elastomeric matrice systems [77–82].
Other studies reported on the hardness of carbon black–semi-
crystalline composites including carbon black ﬁlled isotactic poly-
propylene (iPP) and nylon 6 [83,84].
The microhardness of carbon black–polycarbonate (PC)
composites represents an outstanding example with reference to
the role of the ﬁller in the nanostructure and resulting micro-
mechanical properties [69]. Two types of microadditives with0 10 20
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Fig. 5. Microhardness of PC–carbon black composites against carbon black content for
two different particle size values. The insets show TEM images for 6.4% carbon black
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a particle diameter d¼ 5 nm and the other one d¼ 50 nm. Fig. 5
illustrates the plot of the H values vs. the carbon black volume
concentration, f, within the polycarbonate samples. The insets of
Fig. 5 show transmission electron micrographs of two composite
samples with different types of microadditives, at a ﬁller concen-
tration of 6.4% [85]. One of the micrographs shows a homogeneous
distribution of aggregates of D¼ 60–70 nm in diameter for the
smallest average particle size of the ﬁller; larger dispersed aggre-
gates, 400–500 nm in size, were observed in the other micrograph
when incorporating carbon black with d¼ 50 nm.
Fig. 5 shows that, for low carbon black content values (f 6.2%),
the microhardness of the carbon black–polycarbonate composites
is independent of f. It seems that at low ﬁller concentrations, the
carbon black aggregates are easily displaced under the indenter. In
this case, ﬁller content and particle size do not inﬂuence the
mechanical properties. It is only above a critical f value, fH, which
depends on the type of carbon black, that the hardness values of the
composites conspicuously increase with further increase of ﬁller
content. From Fig. 5, values of fH¼ 6.2% and fH¼ 10–13% are found
for the composites with D¼ 60–70 nm and D¼ 400–500 nm,
respectively. Results suggest that the well-developed structure of
the more homogeneously distributed carbon black aggregates
(D¼ 60–70 nm) hardens the material more effectively. It is note-
worthy that the critical ﬁller concentration for hardness enhance-
ment is always signiﬁcantly higher than that necessary for
electrical conductivity (percolation threshold) (results not shown
here, see Ref. [69]), suggesting that microhardness is, in this case,
less sensitive to ﬁller content than electrical conductivity.
Preceding studies have shown that variations in the electrical
conductivity of a polymer compounded with carbonaceous ﬁllers
do not necessarily involve a parallel change in mechanical prop-
erties [86,87]. Indeed, the incorporation of well-dispersed carbon
nanotubes into a polyimide matrix was found not to signiﬁcantly
improve the mechanical properties of the polyimide, while the
electrical conductivity was raised by more than 11 orders of
magnitude at the percolation threshold [86]. In contrast, enhanced
mechanical behaviour was found in the case of composites of
polyamide-6 and carbon black or carbon nanotubes, already at ﬁller
contents below the electrical percolation threshold [87]. It seems
that the mechanical properties of electrically conducting polymers,
based on a polymer matrix and carbonaceous ﬁllers, are difﬁcult to
frame in a general scheme and the ﬁnal mechanical properties may
depend to a large extent on the specimen preparation. In this
context, the microhardness technique can serve as a convenient
tool to assess the mechanical properties of the polymer composites.50 100 150 200
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poly(methyl methacrylate) (PMMA) [89];>, polystyrene (PS) [26];6, PC [92];,, PET
[89]; 7, poly(vinyl acetate) (PVAc) [89].2.3. Microhardness dependence with temperature
In general, the microhardness of amorphous and semicrystalline
polymers decreases upon heating due to changes in macroscopic
density. It is seen that H follows an exponential decrease as
a function of T given by
H ¼ H0 exp½  bðT  T0Þ (4)
where H0 is the hardness measured at a given reference tempera-
ture T0, and b is the so-called coefﬁcient of thermal softening. The
b coefﬁcient has been shown to be directly proportional to the
temperature dependence of the average molecular cross-sectional
area of the crystalline and non-crystalline regions [88]. Data from
the literature on glassy polymers show that for T< Tg, bw (1.2–
20) 103 K1 [89,90]. The b values for semicrystalline materials
also lie within the same range [88,91]. On the other hand, for T> Tg,
H for all polymer materials decreases at a much higher rate yielding
b¼ (22–144) 103 K1 [89,91].For glassy materials, a fast H decrease is observed at the glass
transition temperature, as early reported for poly(methyl methac-
rylate) (PMMA), poly(vinyl acetate) (PVAc), glassy PET and glassy
poly(aryl ether-ether ketone) (PEEK) [89]. This is due to the onset of
liquid-like motions which lead to a much lower cohesive energy
density. Fig. 6 illustrates some of these data, together with recent
ones reported for PS [26] and PC [92]. In all cases it is shown that H
can conveniently detect the glass transition temperature as a bend
in the H–T plot. Indeed, a good agreement is found between the Tg
values determined from calorimetric studies and those from
indention hardness measurements [26,89,90]. It is noteworthy that
in the case of PET, we observe an H increase before the sudden drop
at Tg. This has been associated with physical ageing, progressively
leading to more compact molecular arrangements with reduced
free volume [89].3. Nanostructural development from the glass: inﬂuence
of conﬁnement
3.1. Development of crystallinity
Certain glassy polymers at Troom are capable to crystallize above
Tg (Tg> Troom). A few studies show that one can easily ‘‘in situ’’
follow the kinetics of the crystallization process of a polymer from
the glass by measuring the hardness evolution at a given temper-
ature [90,93–95]. Fig. 7 illustrates, as an example, the variation of
the microhardness of poly(ethylene naphthalene-2,6-dicarboxyl-
ate) (PEN) as a function of crystallization time for various crystal-
lization temperatures [90]. Lower startingH values are found (t¼ 0)
for higher crystallization temperatures, in agreement with the
hardness tendency to decrease with increasing T. In the course of
isothermal crystallization one observes: ﬁrst an induction time for
the crystallization process to start, that is only signiﬁcant for low
crystallization temperatures Tc, secondly a steep H increase, and
ﬁnally an H levelling-off. The steep H increase, during primary
crystallization, is connected with the progressive growth of poly-
crystalline aggregates (spherulites). When the spherulites impinge
with each other,H levels off, and the primary crystallization process
ﬁnishes. The much slower hardening process is denoted as
secondary crystallization and is related with the appearance of new
intraspherulitic lamellar stacks, formation of crystals within the
interlamellar stacks and crystal thickening.
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with the volume fraction of spherulites f during primary crystal-
lization of a number of polymer materials [96–98] yield the
following relationship:
H ¼ Hsphfþ Hað1 fÞ (5)
where Hsph and Ha are the hardness values of the spherulitic and
the amorphous inter-spherulitic regions respectively, characteristic
for each polymer material under speciﬁc crystallization conditions.
Hardness values employed in the derivation of Eq. (5) were
obtained from conventional imaging testing. Due to the large
volume of deformation involved in the calculation of H
(V> 105 mm3; indentation diagonals reach values ofz100 mm), the
mechanical properties of the spherulitic and inter-spherulitic
material cannot be discerned. Hence, Hsph and Ha are derived from
the extrapolation of the linear relationship found between H and f.
On theotherhand, hardness valuesduringprimarycrystallization
are shown to be directly proportional to the total emerging crystal-
linity in the sample [90,93]. This is thought to arise from the direct
proportionality between the hardness of the spherulites and the
fraction of crystalline material within them, aL, following [8,96,99]:
Hsph ¼ HcaL þ Hað1 aLÞ (6)
Combination of Eqs. (5) and (6) yields:
H ¼ Hcaþ Hað1 aÞ (7)
where Hc is the hardness of the crystals, Ha the hardness of the
amorphous regions and a the volume degree of crystallinity. On the
derivation of Eq. (7), the hardness of the amorphous intra-
spherulitic regions has been assumed to be the same as that of the
inter-spherulitic material. However, Eq. (7) can be formulated in
a more generalized form, as shown in Ref. [8], by taking into
consideration different hardness values for the amorphous intra-
and inter-spherulitic material.
Eqs. (5)–(7) suggest that the microhardness of a polymer
material is an additive property of the hardness of the crystalline
and amorphous phases. All of these equations were initially
proposed to explain certain experimental observations and repre-
sent nowadays well-established correlations with sound experi-
mental evidence [30,90,93,94,96–98,100–111].
The direct proportionality between hardness and degree of
crystallinity allows deriving information on the kinetics ofcrystallization from indentation experiments. Indeed, Avrami
analysis of the crystallization curves in Fig. 7 yields n values around
2 for the lowest crystallization temperatures (Tc 155 C) while
nw 3 within the range 160 C Tc 175 C. Results are consistent
with transmission electron microscopic investigations on the
morphology developed during isothermal crystallization of PEN
from the glassy state [112].3.2. Inﬂuence of conﬁnement on the kinetics of crystallization
New materials are being developed as nanotechnology extends
the limits of fabrication to the nanoscale. The structure–property
relationships are best understood when the hierarchical nature of
the system is taken into account, i.e., the structural organization in
discrete levels held together by speciﬁc interactions of the
components [113]. The physical properties in polymeric layered
systems, such as the glass transition temperature, crystallizability
and toughness, are altered by reducing the layer thickness down to
a few tens of nanometers [76,114–116]. By using layer multiplying
co-extrusion, a wide variety of polymer systems with thousands of
layers have been developed in the last years for the most various
applications: narrowband 1D photonic crystals, polymer ﬁlms for
surface emitting lasers, membrane and gas barrier structures, etc.
[117,118]. These systems also offer the opportunity to examine the
inﬂuence of physical conﬁnement during nanostructure develop-
ment on the micromechanical properties.
Fig. 8 (top) illustrates typical indentations made on the PET and
the PC layers of the starting 50/50 PET/PC multilayer system, with
layer thickness of 59 mm [27]. The darker areas correspond to PC. A
similar area of indentation (applied load is 0.02 N) is found for both
PC and glassy PET, and hence, similar hardness values are obtained
Fig. 10. Microhardness as a function of degree of crystallinity a for a number of
polymer materials: >, linear PE [101,102]; C and B, isotactic PP in the b- and the
a-crystalline phases respectively [100,103]; 7, poly(butylene terephthalate) (PBT) in
the a-form [48,104,105], a small percentage of the b-form (4%) is present in the sample
with H¼ 153 MPa and a¼ 0.47 [105];,, PET [30,106,107];;, atmospheric crystallized
PEN [98,108] and high-pressure crystallized PEN [108].
A. Flores et al. / Polymer 50 (2009) 729–746 735(Fig. 8 bottom). However, for the annealed samples (Tc¼ 150 C,
t¼ 25 min), H increases in the PET layers and a transition from the
harder crystallized PET layer to the less hard PC component is
observed across the layer thickness.
In-situ microindentation measurements have been employed to
follow the nanostructure development within the PET layers, as
a function of layer thickness [92]. Fig. 9 shows the microhardness
variation during isothermal crystallization at 117 C for various 50/
50 PC/PET multilayer systems with different PET layer thicknesses:
32, 1 and 0.25 mm. In this case, the load (0.05 N) was applied
perpendicularly to the surface layers. The indentation size was such
that the volume of deformation involved both polymer materials.
This was conﬁrmed by making indentations on both outer layers
(PET and PC) that were found to be indistinguishable from each
other [92]. Fig. 9 shows that as the layer thickness decreases
(increasing conﬁnement): (1) the variation of hardness with time
during primary crystallization slows down, and (2) the ﬁnal level-
ling-off value decreases. The hardness decrease observed with
decreasing layer thickness is in consonancewith the sharp decrease
of crystallinity for layer thicknesses below 1 mm reported in X-ray
diffraction studies of the same multilayer systems [119]. In other
words, the physical conﬁnement in the crystallizable polymer
nanolayers leads to a strong depression of the crystalline fraction
and consequently to a notable decrease in the ﬁnal mechanical
properties.4. Nanostructure–microhardness correlations
for the semicrystalline polymer
In the preceding section, we have shown the potential of the
microhardness technique to in situ follow the kinetics of crystalli-
zation. At the heart of this ability underlies the intimate correlation
between the microhardness and the nanostructure of a polymer
material (see Sections 4.1 and 4.2, Figs. 10 and 11). A number of
papers provide a sound experimental evidence of the linear rela-
tionship between microhardness and the degree of crystallinity of
a polymer material [30,90,93,94,96–98,100–111]. A parallel model
of crystalline and amorphous layers appears to describe the
response of a polymer material to a local deformation, as described
in Eq. (7). Crist reported that spherulite size does not directly
inﬂuence the yield behaviour in polyethylene (PE) [59]. Eq. (7) has
broadly demonstrated to apply to polymer systems with Tg values
well above the temperature of measurement, in other words, witht [min]
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Fig. 9. Inﬂuence of layer thickness on the microhardness of PET layers from PET/PC
ﬁlms during an isothermal crystallization at 117 C. Replotted from Ref. [92].amorphous regions in the glassy state. In addition, this equation
also holds for polymer systems exhibiting relatively large degrees
of crystallinity (a> 0.3), in spite of their Tg being below or in the
vicinity of the temperature of measurement. In this case, the
hardness of the amorphous regions is well described assuming
Haz 0 and Eq. (7) simpliﬁes to:
HwHca (8)
This section is devoted to polymer systemswithH that conforms
to Eq. (7) or (8). In the next section, the microhardness behaviour at
room temperature of polymer systems, with low degree of crys-
tallinity and Tg< Troom, exhibiting large deviations of H from the
microhardness additivity law will be discussed.4.1. Dependence with the degree of crystallinity
Fig. 10 illustrates the variation of microhardness as a function of
the degree of crystallinity for various polymer systems. Data are
taken from Refs. [30,48,98,100–108] and were selected to represent1/l
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Fig. 11. Reciprocal of the crystal hardness as a function of reciprocal of the crystal
thickness for a range of polymer materials, from ﬂexible polyoleﬁns to semirigid
polyesters:C, PEO [122];>, linear PE [102]; B, iPP in the a-form [100];,, PET [74];
;, PEN [98]; 7, PEEK [109].
Table 1
Hc
N for various polymer materials.
Polymer Hc
N [MPa]
iPBu-1 (II) 27 [123]
iPBu-1 (I) 104 [123]
PEO 150 [122]
PE 170 [102]
iPP (a-form) 230 [100]
PBT 370 [75]
PET 400 [74]
PEN 500 [98]
TPI z500 [97]
PEEK 615 [109]
A. Flores et al. / Polymer 50 (2009) 729–746736polymer systems with different degrees of rigidity in the main
chain. In the ﬁrst place, it is clearly seen that the range of micro-
hardness values that each polymer exhibits is mainly determined
by the nature of the molecular chain. Indeed, PEN exhibits the
largest cohesive energy density within the amorphous regions and
the strongest intermolecular forces holding the molecules within
the crystals, and hence, the resistance to plastic deformation is the
highest of all the series. In addition, for each polymer system, the
microhardness values cover a wide range, with a tendency to
increase with increasing degree of crystallinity. We learn from
Eq. (7) that if only the degree of crystallinity were modulating the
microhardness values, then, a plot of the H vs. a values should lie in
a straight line, the left-hand and right-hand y-axis intercepts rep-
resenting Ha and Hc respectively. However, a wide range of H data is
clearly seen in Fig. 10 for nearly all polymer materials. This is
a consequence of other nanostructural features, such as the crystal
thickness, not taken into account so far, that also contribute to the
microhardness behaviour.4.2. Inﬂuence of crystal thickness
The inﬂuence of crystal thickness on the microhardness values
of polymer materials was ﬁrst reported in the late seventies
[120]. A few years later, on the basis of a heterogeneous defor-
mation model involving the heat dissipated by the plastically
deformed crystals, Balta´-Calleja and Kilian developed an
approach to calculate the dependence of hardness on the average
crystal thickness [121]. According to this model, the crystal
hardness (heat dissipated by the crystals) is proportional to the
ratio of the enthalpy of crystal destruction to the volume of
crystals destroyed. In turn, the crystal hardness dependence with
crystal thickness lc is given by:
Hc ¼ H
N
c
1þ b
lc
(9)
where Hc
N is the hardness of an inﬁnitely thick crystal (maximum
possible value of dissipated energy through plastic deformation)
and b is a parameter related to the surface free energy se of the
crystal and to the energy Dh required for plastic deformation of the
crystals through formation of a great number of shearing planes
(b¼ 2se/Dh). HcN is mainly related to the chain packing density
within the crystals and represents the upper limit to the hardness
of a polymer material. It is noteworthy that Hc
N determines to
a great extent the range of microhardness values shown for each
polymer in Fig. 10. In addition, the crystal thickness values (and to
a lesser extent the b parameter) also modulate the microhardness
values. Indeed, the data shown in Fig. 10 suggest that there is no
unique straight line for each polymer material that could account
for a hardness enhancement as the degree of crystallinity increases,
but rather a variety of straight lines (each shaded area in Fig. 10)
with a commonHa value and a range ofHc values (right-hand y-axis
intercepts), the latter mainly determined by the crystal thickness.
With the help of Eqs. (7) and (9), one can fully account for the
micromechanical properties of a polymer system, based on the
detailed nanostructure.
A number of studies have supplied experimental support to Eq.
(9). Fig. 11 illustrates the plot of 1/Hc as a function of 1/lc, for various
semicrystalline polymers. The y-axis intercept yields 1/Hc
N. It is
noteworthy that the semirigid polyesters (PET [74] and PEN [98]
and PEEK [109]) exhibit higher Hc
N and smaller lc values than those
for the ﬂexible polyoleﬁns (iPP [100], PEO [122] and PE [102]).
Table 1 collects the Hc
N values derived from Fig. 11, together with
additional Hc
N data, not included in this ﬁgure for the sake of clarity
[97,75,123].4.3. Creep behaviour
A comprehensive understanding of the micromechanical prop-
erties of polymer materials should necessarily include a study of
their visco-elasto-plastic character. Depth-sensing instrumentation
provides the possibility to record the elastic as well as the plastic
properties and hence, to extract the visco-elasto-plastic response of
the polymer material from the indentation curves. A number of
approaches have been developed to extract creep properties from
depth-sensing instrumentation, the nature of which is diverse,
including phenomenological approaches, semi-empirical models
and linear viscoelasticity assumptions at small strains [124–130].
However, so far, there is no widespread methodology to analyze
creep data from depth-sensing instrumentation and hence,
comparison of the creep properties of different polymeric materials
is difﬁcult to achieve. In contrast, it is a common practice to use
phenomenological approaches to describe the time-dependent
behaviour of microhardness, derived from conventional testing
(optical method). In this case, creep is related to the visco-plastic
properties of the material and is commonly described following
[64,88,91,109,131–137]:
H ¼ H1Dtk (10)
where H1 is the hardness at a given reference indentation time
Dt¼ 1 and k is a parameter (creep constant) which gives the rate at
which the material ﬂows under the indenter. The decreasing power
law function of Eq. (10) was ﬁrst adopted for polymer materials in
the early eighties [138], after Mulhearn and Tabor had proposed
a similar expression to describe the variation of hardness as
a function of indentation dwell time for soft metals [139]. Fig. 12
illustrates the range of creep constant values reported for a wide
variety of polymer materials. A number of observations can be
drawn: 1) Glassy materials creep at a higher rate than the crystal-
lized ones; as an example, the k value of glassy cold-drawn PET is
higher than that of the crystallized cold-drawn sample. 2) Inorganic
reinforced polymers creep at a lower rate than the matrix itself, as
revealed by the k data of an acrylic terpolymer and that of the same
material reinforced with titania particles. 3) The inclusion of ‘soft’
rubbery particles in a polymer matrix (such as Core–Shell rubber
Particles in PMMA) yields larger k values. 4) The creep constant is
dramatically affected by the temperature of measurement; as an
example, the k parameter of PMMA at 90 C doubles the value at
Troom, and that of CEPE at 123 C is three times the k value at Troom.
5) Polymer materials with large hardness values usually exhibit the
smallest k values. However, polyethylene materials represent an
intriguing exception to this rule. One can see that the ethylene–
octene copolymer, EOC (degree of branching of 5%), not only ﬂows
at a lower rate under the indenter of all the PE-based materials, but
also exhibits one of the smallest k values of all polymer materials,
close to those reported for glassy drawn PET and for poly(6-oxy-2-
naphthoate) (PHN); on the other hand, EOC displays a remarkably
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Fig. 12. Creep constant at room temperature (except otherwise stated), for the
following polymer materials: a) PET crystallized from the oriented glassy state [132]; b)
PEEK crystallized from the glass [109]; c) poly(4-hydroxybenzoate) (PHB) [88]; d)
poly(phenylene sebacate) (PQS) [131]; e) poly(6-oxy-2-naphthoate) (PHN) [88]; f) EOC
with 5% branching content (unpublished results); g) glassy drawn PET [132]; h) PMMA
[133]; i) chain-extended polyethylene (CEPE, crystallized or annealed at high pressure)
[91]; j) isotropic glassy PET [64]; k) thermoplastic starch [134]; l) PMMA with core–
shell rubber particles [133]; m) ultra-high molecular weight polyethylene (UHMWPE)
[91]; n) low density polyethylene (LDPE) [135]; p) high density polyethylene (HDPE)
[91]; q) PMMA, k was measured at 90 C [133]; r) polyacrylic titania hybrid, the acrylic
polymer is a random terpolymer of methyl methacrylate (MMA), n-butyl methacrylate
(BMA) and methacrylic acid (MA) [136]; s) polypropylene (PP) [135]; t) CEPE, measured
at 123 C [91]; v) P(MMA-BMA-MA) terpolymer [136]; w) PQS/PET blends [131].
A. Flores et al. / Polymer 50 (2009) 729–746 737low hardness value (H¼ 0.53 MPa). In addition, the k value of low
density PE (LDPE) is clearly lower than that of high density PE
(HDPE). We believe that this behaviour must be a consequence of
the density of entanglements in the amorphous phase due to the
presence of branches. As the material is compressed under the
indenter, branching would enhance the formation of new entan-
glements and the reinforcement of the existing ones, which could
act as physical links against the material deformation.Table 2
Branching content, density, crystallinity from density (a), crystal thickness (lc),
microhardness (H) and crystal hardness (Hc) values at Troom of ethylene-1-octene
copolymers. Reprinted from Polymer, Flores A, Mathot VBF, Michler GH, Adhikari R,
Balta´-Calleja FJ, Novel aspects of microindentation hardness in very low crystallinity
ethylene-1-octene copolymers: A model for deformation, 47(15), 5602–9. Copyright
(2006), with permission from Elsevier.
Sample CH3/100C r [g/cm
3] a lc [nm] H [MPa] Hc [MPa]
EOC1 1.24 0.910 0.416 4.5 13.1 0.1 31.5
EO2855M 1.92FTIR 0.908 0.403 3.9 11.2 0.3 27.8
EOC2 2.20 0.902 0.362 3.5 10.1 0.1 27.9
EO2711M 2.36FTIR 0.900 0.349 3.3 9.05 0.08 25.9
EOC3 3.14 0.868 0.134 3.1 2.0 0.2 14.9
EO2835M 3.59FTIR 0.880 0.215 3.1 3.4 0.1 15.6
EO2741M 4.21FTIR 0.871 0.154 3.0 2.18 0.01 14.2
EO2963M 5.08FTIR 0.859 0.074 3.0 0.53 0.02 7.2
EO4082M 6.00NMR 0.848 0.00 – 0.12 0.02 –5. Mechanisms of deformation
5.1. Elasto-plastic behaviour below Tg
The validity of Eq. (7) to describe the micromechanical proper-
ties of a number of polymer materials relies on the fact that plastic
deformation takes place in both the crystalline and the amorphous
regions. This is indeed the picture for Troom measurements of
polymer materials with Tg> Troom. In this case, the stress applied is
effectively transferred to both the amorphous and the crystalline
regions. The distribution of stresses in the deformed volume is
determined by the geometry of the indenter and it is only above
a critical stress level that the material undergoes plastic yielding
[17,11]. The volume of irreversible deformation is typically associ-
ated to 4–10 times the residual indentation depth in the direction
perpendicular to the contact surface. Beyond this boundary, only
elastic deformation takes place.
During an indentation cycle, the material is subjected to
a compressive stress that induces a structural rearrangement on the
polymer material. At small applied stresses, bond rotations and
lamellar shearing are envisaged; higher stresses could lead to chain
scission and lamellae fracture. The detailed mechanisms of defor-
mation are still unclear and mostly based on indirect evidence. In
recent years, a novel synchrotron radiation set-up allowing for
simultaneous microdiffraction and microindentation experiments
has been successfully developed [140–142]. An X-ray beam with
a cross-section of a few micrometers has been used to ‘‘in situ’’
probe the vicinity of the indenter during a microhardness test.Combined microindentation and microdiffraction in polymer ﬁbres
suggest that the nanostructural changes occurring upon both
elastic and plastic deformation are mainly associated with
a perturbation of the orientation of the crystal blocks, clearly
distinguished upon loading and partly retained after the tip with-
drawal. In addition, it has also been shown that the stress ﬁeld
under the indenter may induce a polymorphic transformation
[140–142].5.2. Low crystallinity systems with elastomeric character
The mechanisms of deformation taking place upon indentation
of polymer materials with a marked elastomeric character should
be substantially different from those described in the preceding
section. This mainly refers to experiments carried out at Troom in
polymers with Tg< Troom and showing low crystallinity values. In
such systems, the crystallites are immersed in a viscous amorphous
phase which is predominant in the material. Hence, the interaction
between the amorphous ‘soft’ material and the ‘hard’ crystallites is
envisaged to play a fundamental role in the modes of deformation.
Indeed, it is often observed that the microhardness values of such
systems deviate to a great extent from the additivity law
[32,48,143,144]. Two systems have been chosen to illustrate such
behaviour: i) a series of ethylene–octene copolymers [32] and ii)
a range of ester–amide copolymers [48].
5.2.1. Ethylene–octene copolymers
Table 2 collects the branching content and the crystallinity
values, determined from density measurements, of the series of
ethylene–octene copolymers (EOC) investigated. The table shows
the gradual decrease of crystallinity detected with increasing
branching content, reaching for the highest branched sample the
value of a¼ 0. Most interesting is the fact that the microhardness
decreases to values as low as H¼ 0.12 MPa, for the sample with the
highest branching content. The validity of the assumption of the
microhardness value for amorphousmaterial above Tg to be close to
zero (Eq. (8)) is now experimentally demonstrated. It is noteworthy
that the largestH value for the ethylene-1-octene series (13 MPa for
1.2% degree of branching) is substantially smaller than the typical
values for linear PE samples (43–90 MPa) [101,102]. Fig. 13 shows
the variation of the microhardness of the EOC series as a function of
the degree of crystallinity. Characteristic data for linear poly-
ethylene have been also included for comparison. Typical Hc values
for linear PE range from 67 to 106 MPa. These Hc values satisfac-
torily correlate with the lamellar thickness (lc¼ 11–40 nm)
according to Eq. (9). However, H for the low crystallinity copolymer
samples follows a different trend with a as that shown for linear PE.
If one assumes the microhardness additivity law of the individual
phases (Eq. (8); Haz 0), then, Hc values in the range of 7–32 MPa
α
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A. Flores et al. / Polymer 50 (2009) 729–746738are obtained. The remarkably low Hc values obtained for the
highest branched materials (Hcz 10–15 MPa, see Table 2) cannot
be accounted for as due to small crystal thickness values
(lcz 3 nm), and one should invoke variations in the b parameter
(see Eq. (9)).
Fig. 14 (lower curve) shows the b values, calculated using Eq. (9),
as a function of branching content, for the ethylene-1-octene
copolymers. The range of b values typical for linear PE is also
included for comparison [101,102]. The conspicuous increase of the
b values above 2% branching could be related to: i) an increase in
the surface free energy of the crystals (se) due to a gradual trans-
formation of the lamellar morphology into a granular blocky
structure, found in the EOC series as the branching content
increases [145]; ii) a change in the enthalpy associated to themodes
of deformation, Dh. To shedmore light on this issue, let us recall the
existing analogy between the hardness equation and the Thomson–
Gibbs equation [32]:
Tm ¼ TNm

1 b
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Fig. 14. Plot of the b parameter (bottom) and of the ratio between b and the ther-
modynamical b* parameter (top), as a function of short-chain branching content for
the EO materials (open symbols). The typical b values for linear PE are also included
(solid symbols) [101,102]. Replotted from Ref. [32].where Tm
N is the equilibrium melting point and b*¼ 2se/Dhf, Dhf
being the melting enthalpy. It is to be noted that b* relates to the
thermodynamical properties while b depends on the mechanical
behaviour. Consequently, the study of the b/b* ratio (b/b*¼Dhf/Dh)
as a function of branching content offers the opportunity to disre-
gard the inﬂuence of se and study the changes of Dh. Fig. 14 illus-
trates the signiﬁcant increase of the ratio b/b* (upper curve) as
a function of branching content, especially above 2% branching.
This result suggests that the energy required for plastic deforma-
tion Dh is substantially smaller for the highly branched materials.
For low levels of crystallinity (a¼ 0.07–0.22), the small and
imperfect nanocrystals are dispersed within a viscous amorphous
phase (Tgz65 C). Hence, in these low crystallinity systems, the
nanocrystals supposedly ‘slide’ easily within the amorphous matrix
under the inﬂuence of the compressive stress of the indenter. This
different mode of deformation is manifested in a low Dh value that,
eventually, would explain the low H values found.
For materials with degree of branching <3%, the levels of crys-
tallinity already reach al least around 35% and the presence of
nanocrystals randomly distributed within the amorphous phase
constitutes a network of physical crosslinks connected by bridging
molecules that induce a signiﬁcant reinforcement of the material.
In this case, Eqs. (7) and (9) account for the range of H values
observed, the Dh values being in the range of those experimentally
observed for other linear PE samples. The small crystal thickness is
here the feature that limits the material resistance to plastic
deformation.
5.2.2. Random polyester–amide copolymers
The deformation mechanisms of a polymer above Tg during
indentation can be further understood in the light of a microhard-
ness study carried out in a series of random ester–amide copoly-
mers based on butyl terephthalate and an etherdiamide [48]. These
materials possess a hetero-phase structure, with two Tg values and
only one melting temperature above room temperature which
corresponds to the fusion of poly(butylene terephthalate) (PBT)0.0 0.2 0.4 0.6 0.8 1.0
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Fig. 15. Plot of the microhardness values (solid symbols) and calculated H data (open
symbols) as a function of etherdiamide content for the PBT homopolymer (-) and the
copolyester amides of different molecular weight: Mn¼ 750 g/mol (C, B);
Mn¼ 1100 g/mol (:, 6); Mn¼ 2100 g/mol (A, >). The inset shows the b-parameter
values for the same copolymer materials. Replotted from Ref. [48].
A. Flores et al. / Polymer 50 (2009) 729–746 739crystals. The diamide segments are chosen to mainly contribute to
the amorphous domains and confer to the material an elastomeric
character.
Fig. 15 illustrates the variation of the microhardness values
(solid symbols) as a function of the etherdiamide content, fDA, for
all the copolymers investigated. The different symbols represent
materials with different molecular weights arising from a different
length of the etherdiamide sequence. The H value of the PBT
homopolymer is also included in the ﬁgure. Hardness is shown to
drastically decrease with increasing etherdiamide content.
Preceding studies suggest that the microhardness of copolymer
materials behaves as an additive property of the hardness of the
individual components [8]. In the case of the random polyester–
amide copolymers:
H ¼ HPBT

1 fDA

þ HDAfDA (12)
Here, HPBT and HDA are the hardness values of the PBT and ether-
diamide components respectively. This equation is described by
a straight dashed line in Fig. 15, where we assume HDAz 0, since Tg
of the polyetherdiamide homopolymer is far below Troom. It is seen
that the hardness values of the copolymers clearly deviate from the
linear additivity law. The magnitude of this deviation is larger
the higher the molecular weight of the copolymer is (the longer the
etherdiamide sequence); that is, the stronger is the elastomeric
character of the material.
Let us attempt to explain the hardness values in Fig. 15 on the
basis of changes in the degree of crystallinity and crystal thickness
of the PBT crystals. The degree of crystallinity for the copolymer
series decreases as the etherdiamide content increases, within the
range a¼ 0.3–0.15, the crystal thickness remaining constant for all
etherdiamide contents and molecular weights (lcz 6.5 nm) [48].
The open symbols in Fig. 15 represent the hardness values calcu-
lated with the help of Eqs. (7), (9) and (12) (assuming HDAz 0),
using the values of the degree of crystallinity and the crystal
thickness of PBT in each copolymer sample. It is further assumed
that the b value for the PBT crystals in the copolymer material is the
same as that of the PBT homopolymer crystallites. The difference
between the calculated and the experimental values is remarkable
and suggests that, similarly to the case of the EOC, the hardness of
the butylene–diamide copolymers cannot be explained only on the
basis of the detailed nanostructure and one needs to invoke large
values of the b parameter. Indeed, the inset of Fig. 15 illustrates the
behaviour of the b parameter as a function of etherdiamide content,
for the copolymers with different molecular weights. A clear rise in
the b parameter as the etherdiamide content increases can be
observed. Moreover, the b/b* ratio behaves in a similar way,
increasing as the diamide content increases (plot not shown; see
Ref. [48]). Results suggest that the enthalpy of deformation Dh
decreases with increasing diamide content, as a consequence of the
occurrence of deformation modes characteristic of elastomeric
materials, similarly to those described for the EOC copolymers.
In summary, polymer materials with elastomeric character (low
crystallinity values, Tg< Troom) exhibit hardness values far below
the linear additivity law predictions. We believe that this result is
mainly due to the different modes of deformation for elastomeric
polymers, with respect to polymer materials with Tg> Troom. In the
former, crystallites are dispersed in a viscous amorphous material
in a minor amount and ‘slide’ within the amorphous matrix upon
indentation. The extent of the ‘slippage’ mechanism should be
modulated by the viscosity of the amorphous phase. This mode of
deformation is apparent in the high b values determined for this
type of materials, a ﬁnding that is directly related with the low
energy required for this mechanism of deformation.
In recent years, Fakirov has developed a different approach to
account for the effect of the above-mentioned ‘slippage’mechanism on the microhardness values of polymers with elasto-
meric character (Tg< Troom) [146]. An additional term is introduced
in Eq. (8), meant to represent the ‘effective’ hardness Ha of the soft
amorphous phase. In this approach, Ha exhibits negative values
which are determined from Eq. (2) that was, however, originally
derived from data of a number of glassy materials (Tg> Troom).
Although the hardness values calculated in this way agree fairly
well with the experimental ones, this method makes use of nega-
tive hardness values which do not have a sound physical meaning.
6. Precursors of crystallization in oriented systems: the
smectic-like phase
In the preceding sections, the deformation mechanisms under
the indenter, in the case of isotropic polymers are discussed. The
following question arises: How can we correlate microhardness
with nanostructure for oriented materials? How does the structure
development proceed in this case?
The average molecular orientation of a polymer material can be
readily detected by means of indentation hardness. For uniaxially
oriented polymers, the residual impression after load release shows
anisometric diagonal lengths [6]. Hk and Ht are deﬁned as the
hardness values derived from the diagonal lengths parallel and
perpendicular to the direction of preferential orientation respec-
tively. The indentation anisotropy, DH, is deﬁned as [6,137]
DH ¼ 1

Ht=Hk

(13)
where Ht is related to the plastic deformation modes of the
material and the larger Hk values arise from the instant elastic
recovery in the chain direction. It has been shown that DH is
a suitable parameter for measuring the preferred chain axis
orientation [6]. Indeed, a linear empirical correlation has been
found between DH and the optical birefringence Dn for injection-
moulded oriented PE [147].
6.1. The oriented glassy material
Glassy polymers may be drawn through neck formation at Troom
[1]. In the case of PET, the drawn material is highly oriented,
however it does not exhibit any crystalline order as shown by
Go¨schel [148].
Fig. 16 illustrates the wide-angle X-ray scattering (WAXS)
pattern of a cold- (left-hand side) and of a hot- (right-hand side)
drawn PET sample. Cold drawing was carried out at Troom (25 C),
while hot drawing was performed at 90 C. For cold-drawn PET,
a strong equatorial maximum can be clearly distinguished together
with several layer lines on the meridian and no trace of crystalline
reﬂections. The meridional maxima can be associated to the highly
oriented nematic-like structure [149]. In contrast, the WAXS
pattern of hot-drawn PET displays a diffuse broad ring with
a slightly higher intensity around the equator which suggests that
molecules in the hot-drawn sample are poorly oriented along the
drawing axis. Similar to cold drawing, no signiﬁcant crystallinity is
observed.
Table 3 illustrates the microhardness values measured perpen-
dicular and parallel to the draw direction and the corresponding
indentation anisotropy values for cold- and hot-drawn PET [33].
Values for a hot-drawn PMMA sample have also been included
[150]. Hot-drawn PET does not exhibit signiﬁcant indentation
anisotropy, in agreement with the nearly isotropic WAXS pattern
shown in Fig. 16. In contrast, cold-drawn PET and hot-drawn PMMA
exhibit larger Hk values than those of Ht. As mentioned above, this
is a well-known behaviour due to the instant elastic recovery of the
material along the chain direction that in the case of drawn PET has
been associated to the elastic response of the molecules located
Fig. 16. WAXS pattern of the unannealed cold- (left) and hot- (right) drawn PET samples. Replotted from Ref. [33].
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typical hardness values for isotropic systems (see CHD in Table 3) are
always signiﬁcantly larger than Ht, especially in the case of cold-
drawn PET, where a large indentation anisotropy value is found.
This is a consequence of the three-dimensional tensorial character
of the microhardness [137]. The average hardness value for the
isotropic material follows [151]:
hHi ¼ 2=3Ht þ 1=3Hchain (14)
where Hchain is the hardness value measured when the load is
applied in the direction of the molecular axis. Since Hchain>Ht,
then CHD is always larger than Ht.
6.2. Appearance of a phase of intermediate order
Starting from cold-drawn PET, a gradual increase of the degree
of order can be achieved by means of annealing [152]. Bonart was
the ﬁrst researcher to observe the structural transformation taking
place upon mechanical drawing of PET, from a totally amorphous
into a nematic- and, ﬁnally, to a smectic-like state [153]. Further-
more Yeh and Geil showed, using electron microscopy, that glassy
PET is composed of spherical-like structures inwhich themolecules
exhibit a ‘‘paracrystalline’’ order [154]. The mechanism of trans-
formation from the glassy nematic-like state to the smectic-like
phase, and ﬁnally into the triclinic structure upon annealing has
been the subject of a number of investigations [155–158]. These
studies suggest that the smectic-like phase acts as a precursor for
crystallization. An oriented mesophase has also been observed
during the uniaxial deformation of PET above its glass transition
temperature (hot drawing) [159]. Strain-induced crystallization of
hot-drawn PETwas found to occur mainly in themesophase region,Table 3
Microhardness values measured in the direction perpendicular and parallel to
drawing, Ht and Hjj respectively, for PET [33] and PMMA [150]. The corresponding
indentation anisotropy values, DH, calculated using Eq. (13), are included. Micro-
hardness values for isotropic PET [64,93,179] and PMMA [150], CHD, are also shown.
Material Ht [MPa] Hjj [MPa] DH CHD [MPa]
Cold-drawn PET 65 120 0.46
Hot-drawn PET 143 147 0
Isotropic PET 110–150
Hot-drawn PMMA 162 194 0.17
Isotropic PMMA 176in a similar manner as was previously suggested for cold-drawn
PET.
The appearance of a smectic-like phase in cold-drawn PET upon
annealing can be detected by means of WAXS. Fig. 17 illustrates the
room temperature WAXS patterns of a cold-drawn PET sample
annealed at different temperatures. The weak but well-deﬁned
reﬂection appearing in the meridian after annealing at a tempera-
ture, Ta, of 60 C is associated to the appearance of a smectic-like
phase. The intensity of this reﬂection increases for Ta¼ 70 C and
diminishes upon heating at higher temperatures (Ta¼ 80 C),
where the ﬁrst crystals appear (note the 010 and 01
–
1 reﬂections
slightly away from the equator). Above 90 C, only the triclinic
structure can be detected. Indentation techniques have been shown
to provide additional information on the smectic-like phase of
oriented PET [132,155,160]. Fig. 18 offers a summary of the main
results concerning the structure formation in glassy PET drawn at
lw 4 and further annealed at Ta, as revealed by microhardness. As
mentioned above, the Ht values are related to the plastic defor-
mationmode of the lamellar stacks within the ﬁbrous structure and
one can distinguish four regions of hardness behaviour which
correlate to the various structures appearing (see Fig. 18):
(a) At Ta 50 C: as we have seen in the foregoing, cold drawing of
glassy PET induces preferential alignment of the chain axis
along the draw direction. The orientational order exhibited can
be described by a nematic-like state. Molecules are aligned
roughly parallel to the draw direction and the lateral position of
each benzene ring deviates with respect to the neighbouring
molecules.
(b) At 50 C< Ta< 80 C: the hardness slightly varies with Ta: here
the smectic-like phase appears, as revealed by a sharp WAXS
meridional reﬂection [155]. Neighbouring molecular segments
tend to laterally match at temperatures below Tg. The benzene
ringsarearrangedonplanesperpendicular to thedrawdirection.
(c) At 80 C< Ta< 90 C: the hardness increase above 70 C can be
considered as owing to an enhancement of molecular motion
facilitated beyond Tg. The step variation of Ht with Ta at 80 C
and above is associated with the development of a triclinic
structure while the smectic domains start disappearing.
(d) At Ta> 90 C: the smectic phase has completely disappeared
and a three-dimensional crystalline order develops as revealed
by small angle X-ray scattering (SAXS) and WAXS. The further
Ht increase above 100 C can be related to the structural
changes occurring in the ﬁbrils [155].
Fig. 17. WAXS patterns of cold-drawn PET at room temperature after annealing during 10 s at various temperatures. Reprinted from Polymer, Asano T, Balta´-Calleja FJ, Flores A,
Tanigaki M, Mina MF, Sawatari C, Itagaki H, Takahashi H, Hatta I, Crystallization of oriented amorphous poly(ethylene terephthalate) as revealed by X-ray diffraction and micro-
hardness, 40(23), 6475–84. Copyright (1999), with permission from Elsevier.
A. Flores et al. / Polymer 50 (2009) 729–746 741Summarizing the above analysis of hardness data, most inter-
esting is the fact that one can detect the smectic phase by means of
microindentation hardness measurements. In addition, the study
also conﬁrms that the micromechanical properties of the glass, the
smectic-like and the crystalline phases are different.
Finally, Fig. 18 (inset) also illustrates the variation of the
indentation anisotropy as a function of Ta. Results show that the
indentation anisotropy ﬁrst remains constant up to Tw 75 C. It is
only above Tg that DH decreases rapidly with increasing T up to
250 C. This conspicuous decrease is most probably associated to
the fact that the molecules within the amorphous layers relax and
hence, the elastic recovery in the chain direction decreases. It is also0 50 100 150 200 250
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Fig. 18. Variation of Ht as a function of annealing temperature for cold-drawn PET.
The inset shows the indentation anisotropy values for the same annealed samples.
Replotted from Ref. [33].to be noted that X-ray measurements reveal that there is an incli-
nation of the lamellae when the ﬁrst crystals appear [33,155,160].
This inclination decreases as the annealing temperature rises. This
would also facilitate the amorphous molecules connecting crystals
to relax to less extended conformations, and hence, the elastic
response will decrease. It is interesting to note that indentation
anisotropy still remains preserved near the melting point.
6.3. Creep properties
In accordance with the concepts discussed in Section 4.3, creep
can be deﬁned as the time-dependent change in strain following
a step change in stress [1]. Flores et al. [132] have investigated the
creep behaviour and elastic properties of cold-drawn PET ﬁlms,
annealed in the range 60–240 C by means of microindentation
testing. This study demonstrates that the creep behaviour (visco-
plastic ﬂow) of the oriented material is intimately correlated to the
nanostructural changes occurring upon annealing. Indeed, Fig. 19
illustrates the variation of the creep constant k, derived from Eq.
(10), as a function of the crystalline lamellar thickness values. The
periodicity of the meridional reﬂection associated with the smectic
phase has been also included in Fig. 19 (1.07 nm). The rate of creep
of the glassy material is shown to diminish with the appearance of
smectic domains, which confers to the material a higher structural
order. This result is in agreement with previous microindentation
hardness studies on amorphous PET ﬁlms with different degrees of
internal order [64]. In addition, Fig.19 shows that a further decrease
in the creep constant is observed ﬁrst with the development of
triclinic crystalline order, and thereafter with the increase of crystal
lamellar thickness [132]. The k values steeply decrease with
increasing crystal thickness for small lc values while a levelling-off
occurs for large crystal thickness values. Previous studies on
chain-extended polyethylene, chain-folded polyethylene, and
a series of parafﬁns report similar creep dependence with crystal
thickness [91].
In summary, the study of the visco-plastic properties of
annealed cold-drawn PET ﬁlms reveals that the glassy unannealed
0 2 4 6 8
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c
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Fig. 19. Variation of the creep constant k as a function of crystal thickness lc for cold-
drawn PET samples annealed at different temperatures. Solid triangle corresponds to
the periodicity of the meridional reﬂection associated to the smectic phase. Reprinted
with permission from [Flores A, Balta´-Calleja FJ, Asano T. J Appl Phys 2001;90(12):6006–
10]. Copyright (2001), American Institute of Physics.
Fig. 20. Typical load–displacement curve for a silk membrane after a loading and
unloading cycle. Reprinted from Polymer, Puente Orench I, Putthanarat S, Balta´-Calleja
FJ, Eby RK, Stone M, Ultra-microindentation at the surface of silk membranes, 45(6),
2041–4. Copyright (2004), with permission from Elsevier.
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diminish with increasing thickness of the crystalline lamellae. The
creep constant value for the smectic phase lies in between that
corresponding to the glassy material and those associated to the
triclinic structure. This ﬁnding suggests that the visco-plastic ﬂow
of cold-drawn PET diminishes with increasing structural order of
the material and supports the concept of the smectic-like phase
being a precursor state of crystallization.
7. Depth-sensing measurements: state-of-the art and
perspectives
As mentioned in Section 1, depth-sensing measurements of
hardness are becoming standard in the last few years. This is due to
the development of highly accurate instruments, which provide
more information than the traditional optical measurements. The
technique consists in continuously measuring the load applied by
the indenter as a function of the penetration depth. The ﬁrst depth-
sensing instruments were built in the early 1980s [161]. Much of
the effort in the following years was directed towards the estab-
lishment of a standard procedure to analyze depth-sensing data.
Themost successful ones were those developed by Doerner and Nix
[22] and Oliver and Pharr (O–P) [24]. Both methods assume that
deformation on loading is both elastic and plastic, while on
unloading only the elastic displacements recover. Values of hard-
ness and elastic modulus can be obtained from the initial unloading
data. Fig. 20 shows an example of load (and unload)–displacement
curves for a silk membrane tested with a Vickers diamond at 10 mN
maximum indentation load Pmax [162]. Hardness can be derived
according to [22,24]:
H ¼ Pmax=A (15)
where A is the projected contact area of the indenter under load.
This H valuemay deviate from the one obtained through the optical
measurement of the residual impression if the elastic recovery
during unloading is signiﬁcant.The effective elastic modulus Eeff can be calculated from the
initial slope dP/dh of the unloading curve, which is also known as
contact stiffness S:
Eeff ¼ 1=bðp=AÞ1=2S=2 (16)
where b is a dimensionless parameter [24,25]. Eq. (16) applies to
a good number of axisymmetric indenter geometries.
Finally, the elastic modulus E of the material can be obtained
from:
1=Eeff ¼

1 n2

=E þ

1 n2i

=Ei (17)
n being the Poisson’s ratio of the material and ni and Ei corre-
sponding to the elastic properties of the indenter.
In the case of polymer materials, due to the fact that Ei[ E,
Eq. (17) can be simply given as:
E ¼ Eeff

1 n2

(18)
The analysis of the O–P method is essentially an extension of the
one by Doerner and Nix. The latter assumes a ﬂat-punch approxi-
mation for the initial portion of the unloading curve, which implies
a linear behaviour (constant contact area). In contrast, O–P
accounts for the curvature frequently observed for the unloading
data, as a consequence of the continuous change of the contact area
as the indenter is withdrawn. In the last decade, the O–P method
has been widely adopted to characterize the mechanical behaviour
of materials from depth-sensing instrumentation [25].
Early work on polymers using loads in the lower limit of
conventional microhardness tests [163,164] reported a good
correlation between hardness values obtained optically and by
depth sensing, after analyzing the latter data according to the
O–P method. For instance, the elastic modulus values of ther-
mally treated Bombyx mori silk membranes, derived from hard-
ness tests (Fig. 20), yield similar results to those obtained by
other methods for silk membranes and ﬁbres. It is noteworthy
that H depends on the nanoﬁbril size of the different silk
samples and the values found around 400 MPa are among the
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soon realized, however, that the determination of hardness for
polymers by means of the Oliver and Pharr procedure could
yield very large errors. The main source of error is that the O–P
method does not take into account time-dependent deformation
mechanisms such as creep or viscoelasticity, which are extremely
important in polymer materials. In other words, to characterize
the mechanical properties it is necessary to envisage a constitu-
tive model which takes into account not only time-independent
elasto-plastic but also visco-elastic–visco-plastic deformations
[165]. Several approaches have been proposed in recent years
which offer the possibility of accurately extracting hardness and
elastic modulus of polymer materials from the loading and
unloading cycles [19,130,165–167].
Latest developments of the nanoindentation technique include
the possibility of changing ‘‘in situ’’ the temperature of the sample
[168,169]. In this way, for example, the nanomechanical properties
of PET ﬁlms in a temperature range of 60–110 C have been
investigated as a function of crystallinity and processing history
[169]. However, what is conceiving more expectations from an
instrumental point of view is the possibility of superposing a small
modulated load to the usual indentation load, or applying an
oscillation to the position of the sample [170], to calculate modulus
and hardness continuously throughout the complete loading
history. The reason is that the contact stiffness S can bemeasured as
a function of depth and not just at the point of unloading. In this
way, the time constant of the experiment is much smaller than that
of the non-modulated method and, in addition, measurements can
be performed at exceedingly small penetration depths. Further-
more, other important advantage of dynamic methods lies on the
possibility of characterizing the viscoelastic properties of the
materials by means of the storage and loss moduli, E0 and E00, and
the loss tangent [171]. Thus, information on the glass transition
temperature, mechanical relaxation and activation energy for the
relaxation processes can be obtained. So far, one of the limitations
of depth-sensing instrumentation is the small range of frequencies
of the modulated load (usually within 1–300 Hz). However, the
time–temperature superposition can be accomplished on the
frequency domain to extend the range of frequencies [172].
To extract E0 and E00 from depth-sensing data, let us deﬁne the
oscillating force superimposed upon the indenter load as
P(t)¼ P0eiut. The displacement produced can be expressed as
h(t)¼ h0ei(utf), where f represents the phase difference between
them. By assuming a certain mechanical model for the dynamic
indentation, an expression of the oscillating force P(t) in terms of
the characteristic parameters of the instrument, together with
those depending on the materials and the conditions at the con-
tacting surfaces, can be obtained [173–175]. The contact stiffness S
can be calculated from the displacement signal or from the phase
difference f. In the end, taking into account the deﬁnition of the
complex modulus of a viscoelastic material, E¼ E0 þ iE00 and by
implementing the elastic solution for the elastic modulus from
nanoindentation and the elastic–viscoelastic correspondence
principle, both the storage modulus E0 and the loss modulus E00 of
a polymer can be determined according to [175]:
E0eff ¼ 1=ð2bÞðp=AÞ1=2S (19)
E00eff ¼ uCs=ð2bÞðp=AÞ1=2 (20)
where Cs is the contact damping.
Dynamic nanoindentation measurements have been conducted
in different polymer systems including glassy polymers PMMA, PS,
PC [19,170], polyoleﬁns [173,175,176], or a series of polymers withdifferent crosslink densities [177]. In general, a good agreement has
been found between the complex modulus obtained by nano-
indentation and conventional dynamic mechanical analysis (DMA)
tests, although the reliability of the former method strongly
depends on the calibration of the characteristic parameters of the
instrument used [170].
As a ﬁnal point, it is worth mentioning that atomic force
microscopy (AFM) has proven to be a useful depth-sensing
instrument for soft samples, mainly polymers and biological
materials. In spite of the common idea that AFMmeasurements can
only provide semiquantitative results, newmethods which include
the determination of several instrumental and calibration para-
meters permit to accurately study the contact mechanics and the
mechanical behaviour of polymers during indentation on the
nanometer scale [178].
8. Conclusions
The development of new advanced polymeric materials for
a variety of applications has emphasized research into the under-
standing of nanostructure, morphology and local deformation
mechanisms. Microindentation hardness appears to be a bridging
property between nanostructure, morphology and mechanical
properties offering direct information about the micromechanical
processes occurring at microscopic and nanoscopic level: the so-
called ﬁeld of micromechanics. Hardness within this context is
deﬁned as ameasure of the resistance of amaterial to shear stresses
under local volume (mm to nm range) compression. This article
shows that indentation hardness is a useful technique for the
understanding of the development of order which proceeds from
the glassy state to more ordered structures in polymers.
Early developments in these areas showed that it is possible to
detect accurately the glass transition temperature of glassy poly-
mers by measurement of microhardness as a function of temper-
ature. Furthermore, it is the morphology of the polymer that will
ultimately determine the micromechanical properties. Indeed, it
has been recently shown that the microhardness behaviour of
glassy star block copolymers and PS blends strongly depends on the
phase morphology. For example, a higher hardness rate increase is
observed when the morphology changes from stacks of alternating
lamellae to that of the PS matrix.
Nanocomposites are a subject of wide interest. It has been
shown that the structure of the ﬁller strongly inﬂuences the
microhardness of glassy polymers (PC)–carbon black composites.
Smaller ﬁller aggregates are found to induce a clear enhancement
of microhardness due to a more homogenous dispersion of the
microadditive.
Microhardnesscan readilydetect thenanostructuraldevelopment
from the glass during crystallization, providing valuable information
on this process. Microindentation studies in physically conﬁned
systems, such as PET/PC multilayer ﬁlms, show lower ﬁnal limiting
hardness values than in the non-conﬁned case. This is consequenceof
the dramatic crystallinity decrease below the mm range.
Crystallinity and crystal thickness are shown to be the two
leading parameters deﬁning the ﬁnal micromechanical properties
of the polymer material. Creep properties are also reviewed and
discussed in terms of variations in the internal degree of order,
orientation, ﬁller reinforcement, temperature and branching of
a diversity of polymer materials.
The microhardness of an ethylene based material having nearly
zero crystallinity has been recently reported. Ethylene-co-octene
copolymers exhibit a large deviation from the microhardness
additivity law of the individual phases (crystalline and amorphous).
Deviations from the additivity law predictions also characterize the
micromechanical behaviour of other polymer materials with low
degree of crystallinity and Tg< Troom, such as a series of block
A. Flores et al. / Polymer 50 (2009) 729–746744copolyester amides. A different mode of deformation is envisaged
for these polymer materials with marked elastomeric character
with respect to those with Tg> Troom. In the former, crystallites are
dispersed in a viscous amorphous material in a minor amount and
‘slide’ within the amorphous matrix upon indentation.
The effect of molecular orientation in stretched glassy polymer
materials has been also reviewed as it plays a critical role in the
mechanical properties of the precursors of crystallization. The
microhardness behaviour of annealed cold-drawn PET is correlated
to the developing morphologies. In addition, the creep behaviour of
cold-drawn PET annealed above Tg is also correlated to the nano-
structure of the oriented material.
In summary, the selected examples in this article emphasize
attractive applications of themicroindentationmethod to the study
of the mechanical properties of polymer surfaces. It is speciﬁc in
suggesting further microhardness morphology correlations of
ﬂexible and rigid glassy polymers, blends, composites, and non-
crystallizable glasses. In addition, depth-sensing techniques have
been introduced and recent methods to derive the visco-elasto-
plastic properties at the near-surface region of polymers, through
nanoindentation, have been outlined. The application of a small
oscillation load superimposed to the usual load, or a small modu-
lated displacement of the sample, offers new possibilities to
determine the dynamic mechanical properties and it constitutes
a most challenging technique for the near future.
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